Abstract. Excluding high-temperature creep, the plastic deformation of metals occurs by the motion of dislocations that produce slip on various slip planes in various slip directions. It is thus natural to seek to develop constitutive relations for metal plasticity, based on the concept of dislocations and their kinematics and kinetics. Such an approach has been successfully used by a number of investigators over the past several decades. More recently, however, the development of the recovery Hopkinson techniques by this writer and his coworkers at UCSD's CEAM, has provided important experimental tools to obtain reliable data on stress-strain response of variety of metals over broad ranges of strain rates and temperatures. A wealth of information has become available to guide and verify constitutive models that are proposed to describe metal plasticity. Using such data, I have been able to create a class of dislocation-based models that involve a few material constants, and seem to accurately characterize the response of a large number of metals over 10 -4 to 10 5 /s strain rates, and 77 to 1,300K temperatures.
INTRODUCTION
Inelastic deformations of crystalline metals are, in general, rate-and temperature-dependent. Small variation in composition and alloying most often can have profound effects on the resulting metal's thermomechanical response. Early development of classical plasticity has focused, to a large extent, on special aspects of metal deformation that lend themselves to more or less direct mathematical analyses, developing and using rate-independent material models that are possibly suitable for application to certain structural steels of the 1930-1950's, particularly those of the WWII technology. Modern metals (e.g., many steels, refractory metals, and even copper and aluminum) can seldom be modeled adequately by a simple rateindependent yield function and some assumed workhardening rules, most often a power law. For example, the high-strength, low-alloy (HSLA's) steels, developed in the 1960s by microalloying low-carbon steels with Nb, V, and Ti in the 0.01 to 0.1 wt pct range, are highly rate-and temperature-sensitive. Over the past two decades, modern tools have been developed to directly characterize materials, particularly metals, for their rate, temperature, and strain-hardening characteristics, thus providing an opportunity for a more physics-based constitutive modeling than that afforded through the classical rateand temperature-independent formalism.
To produce physics-based models of metal plasticity, it is recognized that plastic deformation of most metals occurs by the motion of dislocations. The structure of dislocations, their density and distribution, as well as their interaction with each other and with the solute atoms and other defects lie at the foundation of slip-induced crystal plasticity. Collectively, all these affect the motion of dislocations and, hence, the resulting plastic deformation. The collective resistance to the dislocation motion defines the flow stress of the material at the continuum crystal scale and the interactive resistance to the deformation of the crystals within a polycrystalline metal defines the overall flow stress 1 of the metal.
DISLOCATIONS AND LENGTH SCALES
In the present paper, I consider dislocations-based models of plasticity that include both temperature-and strain-rate effects, and heavily draw from a body of experimental data on various metals over broad ranges of strain rates and temperatures. In this approach, the physics of metal plasticity is embedded in the nature of the dislocations, their density and distribution, and the manner by which they produce slip in crystal plasticity and affect the overall flow stress. This produces a set of length scales that are directly related to the dislocation densities and activities, and hence change with temperature and the strain-rate histories.
Resistance to Dislocation Motion
The motion of the dislocations on a slip plane in a slip direction is resisted by short-range and long-range barriers. In addition, the dislocations must overcome any drag forces that may act on them as they move from one set of short-range barriers to the next. The dislocations can overcome their short-range barriers partly by their thermal activation, and partly by the action of the net shear stress due to the externally applied forces.
The average dislocation velocity, v , can be expressed in terms of the density of the short-range barriers that the dislocations must overcome in their motion, and their average activation energy, ∆G . For fcc and some hcp metals, it is usually the total dislocations which intersect the slip plane that are the primary barriers to the motion of mobile dislocations lying on the slip plane. For bcc metals on the other hand, the lattice resistance itself (the Peierls stress) may be the dominating hindrance to the dislocation motion. To estimate the average dislocation velocity, we divide the average spacing of the short-range barriers, l s , by the sum of the average waiting time to cross the barrier, t w , and the running time, t r , to move between the barriers (Regazzoni et al., [1] ), 1 The term flow stress in this work is used to refer to the effective stress as a function of the effective strain, the effective strain rate, and temperature in general loading. The experimental data that are used are for uniaxial loading which renders the effective stress and strain (strain rate) the same as the measured axial stress and strain (strain rate). 
The waiting time is estimated from the dislocation's rate of success in overcoming its shortrange barriers. Using classical statistical arguments, it can be shown that
where 0 ω is the total attempt frequency (which depends on the dislocation core structure), T is the absolute temperature, and k is Boltzmann's constant. The running time may be estimated using a linear drag model, in which the average running velocity, v r , is related linearly to the net driving force, ( ) ,
where D is the drag coefficient, τ is the resolved shear stress in the slip direction, a τ (the stress due to the long-range barriers) is the resistance imposed on the moving dislocations by the elastic stress field of all dislocations and defects, and b is the magnitude of the Burgers vector. Combining (1) to (3), we have l , and for fcc crystals it may be more appropriate to use the average spacing of the total dislocations at some reference state. In (4), l s and l m are viewed as natural length scales that characterize the microstructure and dislocation activities, evolving with the temperature and deformation histories. They thus require evolutionary constitutive descriptions; see Nemat-Nasser and Li [2] for an experimentally-based example.
It may be more convenient to normalize the length parameters in (4) and rewrite this equation as , .
The resistance of the long-range barriers, a τ , is often referred to as the athermal component of the slip resistance. Being due to the elastic field of the dislocations and defects, its dependence on temperature is through the temperature dependence of the elastic moduli, especially the shear modulus, ( ) µ T , and the temperature-history dependence of the microstructure, e.g., dislocation density. We set
where t ρ is the average total dislocation density, the dots stand for parameters associated with other defects and impurities that help to create an elastic stress field, and 0
µ is a reference value of the shear modulus. We 
In general, the dependence of a τ on the normalized length parameter ′ .
In some applications, the drag effects may be neglected. Then, setting D = 0 in (5), we obtain,
Equations (8) and (9) suggest an alternative way of accounting for the drag effects at all temperatures. This is discussed in [7] , page 228.
Activation Energy
Consider now a typical slip system and the following expression for the activation energy of the dislocations associated with this slip system:
, .
Here, G 0 is the total short-range barrier's energy, τ is the resolve shear stress above which a dislocation can glide over its short-range barriers without the thermal assistance, and λ , p, and q define the structure of the l is another normalized length scale that characterizes the distribution and structure of the short-range barriers. Equation (10) 1 has been obtained empirically by the author and coworkers, but it has a long history going back to Ono [5] and Kocks et al. [6] . Ono suggests 0 1 p < ≤ and 1 2 q ≤ ≤ for most energy barrier profiles. We have now extensive experimental data for tantalum and its alloys, molybdenum, niobium, vanadium, various types of titanium, stainless steel, DH-36 and HSLA-65 steels, and OFHC copper, all which support Ono's suggestion; see Tables 1 and 2 , and Nemat-Nasser [7] .
Equations (5), (7), and (10) now define the slip rate in terms of the resolved shear stress, , τ temperature, T, and four normalized length parameters, , , , ′ ′ ′ m s l l l and . ′ t l These length scales directly relate to the physics of dislocation-induced plastic deformation of metals. Their evolution with deformation and temperature must be modeled based on experimental results and physical arguments. In passing, note that "plastic strain gradient" does not enter the present physics-based model that does include four welldefined micro-mechanistic length scales.
Single Crystals
Fcc crystals have a total of 12 slip systems. There are four slip planes, the {111}-family. Each plane has three slip directions, the <110>-family. On each slip plane, the unit vector defining one direction can be expressed as a linear combination of the two other unit vectors. Additionally, one of the four unit vectors normal to the slip planes can be expressed in terms of the other three.
Hence, in general only six independent slip systems, s n ⊗ , can be identified, where s is the slip-direction unit vector, and n is the slip-plane unit normal. Also, since the tensor s n ⊗ has zero trace, there are actually a maximum of only five independent slip systems for any crystal structure, even though there may exist many potential slip systems, e.g., 48 in tantalum (Nemat-Nasser et al., [8] ). The number of independent slip systems may be less than five if there are other constraints, e.g., in some hcp crystals.
With the above comments in mind, we identify the N slip systems of a crystal by , 1, 2,..., 
where α γ is now defined by an equation similar to
or by a similar version of (9).
DISLOCATION-BASED CONTINUUM APPROACH TO POLY-CRYSTALS
The formulation presented above has been successfully used to model the observed thermomechanical response of a number of polycrystalline metals over broad ranges of temperatures, strains, and strain rates. For polycrystals, τ and γ are the effective von Mises stress and strain rate, respectively defined by 
EXPERIMENTAL VERIFICATION
As commented before, the author and coworkers have characterized a number metals over broad ranges of temperatures and strain rates.
Indeed, the formulation given in the present work was originally suggested by the experimental data obtained by direct measurement of the strain hardening, the strain rate effect, and the temperature softening in tantalum and tantalum-tungsten alloys (Nemat-Nasser and Isaacs, [9] ) and subsequently applied to model experimental data on OFHC copper (Nemat-Nasser and Li, [2] ) and many other metals with remarkable success. We present here a few examples and refer the reader to the cited reference and Nemat-Nasser [7] for a comprehensive account.
Refractory Metals
The key to the successful physics-based modeling has been our ability to obtain both isothermal and adiabatic stress-strain relations for these metals at high strain rates and at any temperature within the considered range, using novel recovery Hopkinson techniques. In these techniques, a sample is subjected to a single stress pulse of pre-designed time-variation, and then is recovered without it being subjected to any other loading (Nemat-Nasser et al., [10] ). Thus, it is possible to construct isothermal flow stress for many metals by interrupted tests (Nemat-Nasser and Isaacs, [9] ). Figure 1 is an example of the interrupted adiabatic tests at 3,000/s strain rate and indicated initial temperatures. For each temperature, a sample is first tested adiabatically to a strain exceeding 50%. Then, another sample is tested at the same initial temperature and at the same strain rate, but now to a strain of about 20%. This sample is then allowed to cool to its initial temperature and tested again at the same strain rate. From these interrupted test data, isothermal stress-strain curves of Figure 1 For temperature, the difference between the isothermal (solid) and adiabatic (dashed) curves represents the thermal softening effect. FIGURE 1. Interrupted (solid curves) and adiabatic (dashed curves) test results together with isothermal (solid curves) stressstrain data for HSLA-65 steel at indicated strain rate and temperatures; from Nemat-Nasser and Guo [11] .
To relate data of this hind to our model, let us ignore for the moment the drag effects and rewrite (9) and (10) Then we calculate from data in Figure 1 , the flow stress as a function of temperature for a fixed strain, as shown in Figure 2 .
FIGURE 2.
Flow stress as a function of temperature for indicated strains and 3,000/s strain rate; from Nemat-Nasser and Guo [11] .
Now observe that, according to the model, at high enough temperatures, the flow stress is essentially athermal, given by a curve similar to that in Figure 3 . Subtracting these limiting values from data in Figure  2 , we obtain data shown in Figure 4 , confirming that * = − a τ τ τ is indeed independent of strain for this material. Neglecting dynamic strain aging, the data in Figure 4 can be represented by the following equation: 
(18) FIGURE 4. Thermally activated part of flow stress as a function of temperature for any strain; note dynamic strain aging in the 800 to 1000K temperature; from Nemat-Nasser and Guo [11] .
It thus follows that the flow stress in this case may be represented by 
and for adiabatic deformations, the temperature is calculated by Comparison between experimental and model results for indicated initial temperatures and 3,000/s strain rate; from NematNasser and Guo [11] .
which assumes that all the plastic work is converted to heat; here T 0 is the initial temperature. Figure 5 compares the model results with experimental data, and Figure 6 shows that the model can predict response of this material at strain rates other than that used to obtain the model parameters.
FIGURE 6.
Comparison between experimental (not used in model parameter calculation) and model results for indicated initial temperatures and 8,500/s strain rate; from Nemat-Nasser and Guo [11] .
Experimental results for many bcc metals show that, within the normal range of temperatures and strain rates, the flow stress may modeled by
with temperature calculated using (20) when adiabatic. Table 1 summarizes the material parameters for tantalum and several other bcc metals that we have experimentally characterized. The constant term,
is small for these materials and is set equal to zero.
Fcc and Other Metals
For many metals, the lattice resistance to dislocation motion may not entail as much energy as the resistance due to the dislocation forests which intersect the slip plane. Most fcc metals are of this kind, as are some hcp and others. When the dislocations dominate short-range barriers, their evolution must be considered and modeled. We expect the density of dislocations to decrease with increasing temperature, and to increase with further plastic deformation. Thus length scales l s and l change with temperature and plastic deformation. On the other hand, the density of the mobile dislocations may be assumed to remain essentially constant in the range of strain rates considered here (for shock loading however, this may not be an appropriate simplification). Again, we neglect the drag effect and rewrite the expression for the flow stress in the following simplified form:
Note that plastic strain of any kind, in general is not a microstructural parameter.
This fact is illustrated in Figure 7 for OFHC copper, where the same sample has been tested three times consecutively at a temperature of 696K and a strain rate of 4,000/s. Even though in the second and third test, the sample's plastic strain was 27% and 60%, respectively, because of the temperature history, the dislocation density and hence the microstructure of the material were essentially the same, resulting in very similar stressstrain relations. True Strain FIGURE 7. Stress-strain relation for a copper sample tested three times consecutively at 696K initial temperature and 4,000/s strain rate, showing that the accumulated plastic strain is not a microstructural variable; from Nemat-Nasser and Li [2] ..
On the other hand, the quantity γ is a monotonically increasing parameter and may be used as a load parameter, as is suggested in Figure 3 . Following this and guided by a vast body of experimental data, we let the variation of the length scales in (22) have an evolution defined by
The function f can now be established empirically for a given metal based on experimental results. My coworkers and I have found the following expression to be suitable for a variety of metals, including OFHC copper (Nemat-Nasser and Li, [2] 
